Domain walls may play an important role in future electronic devices, given their small size as well as the fact that their location can be controlled. Here, we report the observation of room-temperature electronic conductivity at ferroelectric domain walls in the insulating multiferroic BiFeO 3 . The origin and nature of the observed conductivity are probed using a combination of conductive atomic force microscopy, high-resolution transmission electron microscopy and first-principles density functional computations. Our analyses indicate that the conductivity correlates with structurally driven changes in both the electrostatic potential and the local electronic structure, which shows a decrease in the bandgap at the domain wall. Additionally, we demonstrate the potential for device applications of such conducting nanoscale features.
C orrelated oxide systems are an exciting and challenging area of condensed-matter research, with their interacting and competing charge, spin, orbital and lattice degrees of freedom forming new electronic and magnetic phases 1, 2 . These phases can be controlled through stress, optical excitation and electric and magnetic fields and have great potential for applications in the fields of spintronics, information storage and communications. Among the correlated oxides, the multiferroics, which show more than one type of ferroic order in the same phase, are attracting particular interest [3] [4] [5] [6] . The defining characteristic of a ferroic material is an order parameter (electric polarization in ferroelectrics, magnetization in ferromagnets or spontaneous strain in ferroelastics) that has different, energetically equivalent orientations, the orientation of which can be selected using an applied field. This often leads to the appearance of domains of differently oriented regions, separated by domain walls, coexisting in a sample 7 . Such domain walls will become more technologically important as the dimensions of individual elements in devices continue to shrink.
Although the morphology and properties of domains and their walls have been studied for more than 50 years, in recent times there has been increasing focus on novel functionality at domain walls [8] [9] [10] [11] [12] . For example, it has been predicted theoretically that the ferroelectric walls in magnetoelectric multiferroics can be ferromagnetic even if the domains themselves are antiferromagnetic [9] [10] [11] . Conversely, spin rotation across ferromagnetic domain walls in insulating ferromagnets can induce a local polarization in the walls of an otherwise non-polar material 5, 12 . Experimentally, unusual functional properties of domain walls have also been observed: preferential doping along domain walls has been reported to induce two-dimensional superconductivity in WO 3−x (ref. 13) and enhanced resistivity in phosphates 14 , whereas in paraelectric, non-polar SrTiO 3 the ferroelastic domain walls seem to be ferroelectrically polarized 15 . Local probes, particularly those based on scanning probe microscopy 14 , are invaluable in observing such effects at the nanoscale.
Here we describe the observation of a new behaviourroom-temperature electrical conductivity-at ferroelectric domain walls in the prototypical multiferroic BiFeO 3 (BFO). BFO is a room-temperature G-type antiferromagnet (T N ∼ 650 K) and a rhombohedral ferroelectric (T C ∼ 1,103 K), with a large spontaneous ferroelectric polarization (∼90 µC cm −2 ) along the pseudocubic 111 directions 16, 17 . Such rhombohedral ferroelectrics possess 71
• , 109
• and 180
• domain walls forming on {101},{100} and planes that satisfy the requirement that ±h ± k + l = 0, respectively 18 . All three wall orientations have been observed in BFO (refs 19,20) .
Epitaxial BFO films (∼100 nm thick) were grown using laser molecular-beam epitaxy in (111), (110) and (100) orientations, using carefully controlled single-crystal SrTiO 3 substrates. A thin 50 nm layer of epitaxial SrRuO 3 was used as a bottom electrode for electrical-contact purposes. Ferroelectric domains were imaged using piezoresponse force microscopy (PFM) as described previously 19 . Controlled ferroelectric domain patterns were written using PFM by applying a d.c. voltage to the probe tip. Local electrical conductivity was measured using high-resolution conductive atomic force microscopy (c-AFM) (details of measurements are provided in the Methods section) by applying a bias voltage (below the polarization switching voltage) between the conductive AFM tip and the bottom electrode of the sample. 100-nm-thick epitaxial films grown on (110) surfaces show a two-variant ferroelectric domain structure in the as-grown states with average domain sizes between 5 and 10 µm. On electrical switching at high fields, all three variations of domain walls can be created 21 ; therefore, we begin our study on these (110)-oriented films. The typical morphology is shown in Fig. 1a . We measured the RMS roughness of the films to be ∼0.5 nm and there are no observable surface features, either before or after switching, [010]
[100] corresponding to the conducting features. In Fig. 1c , we show the in-plane PFM image of a written domain pattern controlled to have all three domain-wall types. The complicated domain shapes occur only when the high voltages required to stabilize all three domain-wall variants are applied 21 . The various domain-wall types are determined using both in-plane (Fig. 1c ) and out-of-plane (Fig. 1b ) PFM images and are labelled accordingly. Our main result is shown in the corresponding c-AFM trace ( Fig. 1d) : the occurrence of electrical conduction at 109
• domain walls, and the absence of conduction at 71
• domain walls. BFO films grown on (001)-and (111)-oriented substrates also consistently show conduction at 109
• domain walls ( Supplementary  Information, Fig. S1 ); in no cases do 71
• domain walls show conduction within the resolution of our measurements.
Next we discuss in detail our c-AFM measurements on the (110)-oriented BFO films. A schematic diagram of the experimental set-up is shown in Fig. 2a . The spatial resolution of the technique is limited by the tip radius of ∼20 nm. Figure 2b (top panel) shows a PFM image of two domains separated by a 180
• domain wall. The corresponding c-AFM images (lower panels) show enhanced conduction at the domain wall for applied bias voltages of −1 to −2 V. Current-voltage (I -V ) curves (Fig. 2c) show resistive behaviour within the domain (red data) and Schottky-like behaviour suggesting activated conduction at the domain wall (black data). We repeated our I -V measurements with a number of different c-AFM tip materials-including Pt and N-doped diamond-and found similar Schottky-like behaviour with slightly shifted conduction onsets. Furthermore, the current is persistent over a timescale of at least 3 min, which is limited by the drift in our scanning system (Fig. 2d) . These time-dependent data indicate that the origin of this current is not displacement of domain walls. Additional details of conduction at domain walls are provided in the Supplementary Information ( Supplementary Information,  Fig. S2 ). Ultrahigh-vacuum-based c-AFM measurements were used to further probe the nature of conduction and I -V characteristics of the conducting domain walls-including the observation of enhanced current values.
To understand the observed electrical conductivity, we performed a combined transmission electron microscopy (TEM) and density functional theory (DFT) study of the domain-wall structure and properties. The structure of domain walls in ferroelectric perovskites and related materials has been the focus of several recent DFT (refs 18,22) and TEM (refs 23-25) studies, and the structural distortions associated with ferroelectric domain walls are now reasonably well characterized. However, studies of the associated electronic properties are in their infancy 26 . We chose the 109
• domain wall (shown schematically in Fig. 3a ) for our study because we do not obtain conduction at 71
• domain walls and because imaging of 180
• domain walls with high-resolution TEM (HRTEM) presents practical problems in terms of locating the wall. (For completeness, HRTEM images of 71
• domain walls are shown in Supplementary Information, Fig. S3 .) We use (001)-oriented samples for the TEM analysis, because we can easily control the density of 109
• domain walls during growth for this orientation. TEM images were acquired using the exit-wave reconstruction approach to eliminate the effects of objective-lens spherical aberrations; such images can be directly interpreted in terms of the projection of the atomic columns 27 . A representative image for such a 109
• domain wall taken along the [010] zone axis of a cross-sectioned BFO/SRO/STO(001) film, where SRO is SrRuO 3 and STO is SrTiO 3 , is shown in Fig. 3a . Analysis of this image enables us to determine the lattice parameter in the plane of the film (a) ([100]) and the lattice parameter out of the plane of the film (c) ([001]) (Fig. 3b) . As expected, the in-plane lattice parameter is slightly smaller and the out-of-plane lattice parameter larger than the values in bulk BFO (3.96 Å; ref. 16) owing to the strain inherent in the epitaxial films. In addition, we find that both the in-plane and out-of-plane film lattice parameters are unchanged in the vicinity of the domain wall. We also extract the relative displacement of the Fe ion with respect to the Bi sublattice, and resolve it into components parallel ([001]) and perpendicular ([100]) to the domain wall (which lies in a (100) plane running vertically across the image and labelled with a dashed orange line) by quantitative analysis of the HRTEM data (Fig. 3c) ; this distance is representative of the local polarization. The component of the displacement parallel to the domain wall (along [001]) decreases in magnitude to zero at the centre of the domain wall before changing to the same magnitude (but opposite sign) on the other side of the wall, reflecting the change in polarization orientation of the domain. Interestingly, the perpendicular displacement component (along [100]) shows a small increase at the domain wall; we return to the implications of this later. Similar studies were completed on a 71
• domain wall as well ( Supplementary Information, Fig. S2 ). Again, only minor variation in lattice parameters was observed across the domain wall. In this case a similar step in Fe-ion displacement is observed parallel to the domain wall, but we are unable to resolve a step in the perpendicular component across the wall.
To investigate the influence of these structural changes on the electronic properties, we next performed a density functional study of the structure and electronic properties for all three ferroelectric domain-wall variants (details in the Methods section). First we performed full structural optimizations of the ionic positions with the lattice parameters fixed to their experimental bulk values; in particular, the oxygen polyhedral rotations around the polar axis, which are known to have a profound effect on both the magnetic 28 and electronic 29 properties and cannot be easily extracted from the HRTEM data, were accurately calculated. As the sense of the oxygen rotations around the polar axis is independent of the direction of polarization along the axis 28 we studied two scenarios: first we initialized the sense of rotation to be continuous across the domain boundary and second we changed the rotation sense when the polarization direction changed. As expected, we found that domain walls with continuous oxygen rotations are considerably lower in energy, because this avoids formation of an antiphase boundary associated with the octahedral rotations. In addition, we investigated domain-wall configurations centred at both the Bi-O and Fe-O planes and found the Bi-O walls to be slightly lower in energy, confirming the findings of the HRTEM analysis. Our lowest-energy calculated configuration for the 109
• domain wall has a domain-wall energy of 206 mJ m −2 . To confirm that our calculated structure is consistent with our TEM data, we analysed the layer-by-layer polarization, defined as the sum over the bulk Born effective charges 29 multiplied by the displacements of the ions from their centrosymmetric reference positions in each layer. As expected, the local polarization in the middle of the domain is close to the value calculated for bulk BFO using the same computationally and experimentally determined lattice parameters (∼93 µC cm −2 ; refs 29-32), confirming that our supercell is large enough to capture the essential physics. Consistent with our TEM analysis, we find an abrupt change in the parallel polarization component across the domain wall and a small change in the normal component at the domain wall.
Our calculations indicate that this small change in the normal component of the polarization across the 109
• domain wall leads to a step in the electrostatic potential (planar and macroscopically averaged) of 0.15 eV across the domain wall (Table 1) ; a similar step was computed and explained previously across 90
• domain walls in PbTiO 3 (ref. 22) . Such a potential step should enhance the electrical conductivity by causing carriers in the material to accumulate at the domain wall to screen the polarization discontinuity. Our calculations for the 180
• domain wall also yield a variation in the normal component of the polarization, and a corresponding potential step of 0.18 eV ( Table 1) . The normal component results from the polarization rotating towards successive adjacent corners of the perovskite unit cell, through a 71
• and than a 109
• change in the polarization direction before reaching the reversed polarization 16 . This behaviour is in striking contrast to the 180
• polarization reversal in tetragonal ferroelectrics 22 , where the polarization changes in only one direction within the wall plane and no normal component occurs. The 71
• wall, however, exhibits no anomaly in the perpendicular component of the ion displacement at the centre of the wall, again consistent with our TEM data, and therefore exhibits a negligible electrostatic potential step at the domain wall (Table 1) .
Finally, we calculate the electronic properties of our structurally optimized domain walls, in particular by comparing the layer-by-layer densities of states in the domain wall and mid-domain regions. Within the central region of the domain, we find, as expected, that the local density of states resembles that of bulk BFO, and the local Kohn-Sham bandgap is equal to the value of 1.3 eV obtained for bulk BFO with the same choice of Hubbard parameter U and exchange interaction J , 3 and 1 eV, respectively 29 . (We emphasize that, although the DFT Kohn-Sham bandgaps do not correspond to experimental bandgaps, changes in DFT gaps caused by changes in bandwidth as a consequence of small changes in structure for the same DFT implementation are qualitatively meaningful.) As the domain wall is approached, we find that the changes in the structure do indeed cause changes in the band width and the positions of the band edges. This leads in the 109
• (180 • ) case to a 0.1 eV (0.2 eV) reduction in the bandgap in the domain-wall layer from the mid-domain calculated value of 1.3 eV (Table 1 ). For activated conduction at room temperature, such a change in bandgap, or in band-edge offset relative to the Fermi energy of the tip, should lead to considerable changes in conductivity. Consistent with its absence of conduction, the reduction in bandgap in the 71
• case is smaller (0.05 eV) (Table 1) . Interestingly, the magnitude of the bandgap reduction is sensitive to the details of the lattice parameters used in the calculation; if we constrain the lattice parameters to the bulk values, the changes in the bandgap are larger than those for the relaxed structures given in Table 1 . This suggests that band-structure changes at domain walls might be tunable by epitaxial strain.
Our conductivity measurements, TEM analysis and DFT calculations therefore suggest two mechanisms, which probably combine to yield the observed conductivity at the 109
• domain walls: (1) an increased carrier density as a consequence of the electrostatic potential step at the wall and (2) a decrease in the bandgap within the wall and corresponding reduction in band offset with the c-AFM tip. Both factors are the result of structural changes at the wall. The potential of these conducting domain walls for possible device applications is illustrated in Fig. 4 . By creating a simple device structure consisting of in-plane electrodes of SRO separated by a 6 µm spacing (Fig. 4a) , we can measure the I -V characteristics of BFO films and domain walls macroscopically. Additionally, the SRO provides nearly Ohmic contacts with the BFO films and thus we can gain further insight into the conduction of the walls in the gap, without any interference from the AFM tip during the measurement process. Monodomain (110)-oriented BFO films were grown on top of the SRO in-plane electrode device structures on STO(110) substrates. Conducting domain-wall features (here are shown 180
• domain walls, Fig. 4a , right) that connect the two in-plane electrodes were written using PFM. Again, no morphological surface features were observed that correspond to the written domain pattern. I -V measurements (Fig. 4b ) reveal a step-like increase in the measured current between the two in-plane electrodes on addition of a controlled number of conducting domain walls. The steps in conduction are essentially equidistant, increase proportionally to the total number of domain walls written and show completely reversible behaviour on erasing a given feature. I -V curves for zero, one, two and three domain features are shown in Fig. 4b . Such material functionality has potential application in both logic and memory applications, as the wall location (and hence electronic conduction) can be precisely controlled on the nanoscale. This demonstrates a possible rewritable, multiconfiguration device set-up that uses nanoscale conductive channels (that is, conducting domain walls). Finally, on the basis of a simple sheet-resistance model, we can estimate the resistivity of a single domain wall in BFO to be of the order of 1-10 m, which is between five and six orders of magnitude lower than for bulk BFO.
In summary, our results show that ferroelectric domain walls in multiferroic BFO show unusual local electronic transport behaviour that is quite different from that in the bulk of the material or in conventional ferroelectrics. The conductivity is consistent with our observed changes in structure at the domain wall and can be activated and controlled on the scale of the domain wall width-about 2 nm in BFO. The present work represents a 'proof of concept' that domain walls are discrete functional entities, which may be addressed and sensed, suggesting potential utility in novel nanoelectronic applications.
Methods
Nanoscale conductivity measurements were performed on a Digital Instruments Nanoscope-IV Multimode atomic force microscope equipped with a c-AFM application module (TUNA). The investigations were performed with commercially available N-doped diamond-coated Si tips (NT-MDT) and Ti/Pt-coated Si tips (MikroMasch). Current-amplification settings of the c-AFM equipment of 1 and 10 V pA −1 at an applicable voltage range of ±12 V were used. For a typical scan rate of 0.5-1.0 µm s −1 , the noise level was of the order of 50 fA at a bandwidth of 250 Hz. All data were acquired under ambient conditions and at room temperature and all such c-AFM measurements were made within a few minutes after the domain wall was created by electrical switching.
Structural investigations have been carried out using a Philips CM300 field emission gun microscope with a point-to-point resolution of 1.7 Å and information resolution of 0.8 Å. The domain structure was investigated in cross-section [010] orientation. The representative phase of the complex electron exit wave, as shown in Fig. 3a , was reconstructed from a series of 20 high-resolution images of the BFO 109 • domain wall using the TrueImage software package 33, 34 . According to the weak phase-object approximation for a thin object, the heavy Bi columns projected along the [010] direction correspond to the brightest dots and the less bright ones represent Fe in the phase.
DFT calculations were performed using the projector augmented wave implementation of the VASP code 35 with standard projector augmented wave potentials (Bi, 6s 2 5d 10 6p 3 ; Fe, 3p 6 4s 2 3d 6 ; O, 2s 2 2p 4 ) and the local spin density approximation (LSDA) +U method to describe the exchange-correlation potential 36 . We used a cut-off energy of 550 eV and U /J values of 3/1 eV; these values were shown in previous work 29 to give a bandgap of 1.3 eV for bulk rhombohedral BFO and to yield a small bandgap even in the high-symmetry cubic perovskite phase. We constructed supercells containing two oppositely polarized domains and two domain walls; each domain contained six Bi 2 Fe 2 O 6 units initially set to the bulk BiFeO 3 structure. Note that the systems in our calculations are in all cases electrically neutral with uncharged domain walls. We used the experimental bulk lattice parameters, with the rhombohedral angle set to 60 • so that the supercell could accommodate the broken symmetry of the domain wall. The Brillouin zone integration was performed on a 5 × 5 × 1 Γ -centred Monkhorst-Pack grid incorporating a Gaussian averaging, with an energy width of 0.05 eV. Ionic positions were relaxed within the local minimum of maintaining two domains and domain walls per supercell until the total energy of the supercell converged to within 0.01 eV and the forces acting on individual ions were below 0.03 eV Å −1 . The magnetism was set to the G-type antiferromagnetic ordering observed in bulk BFO and remained unchanged throughout the relaxation of the domain boundary. All parameters chosen for the supercell calculations were tested in calculations for single unit cells and shown to yield well-converged total energies, with atom positions and band structures in good agreement with previous work.
